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Abstract

This article presents our comprehensive investigation of the crystallization of amorphous silicon �lms with a layer
thickness below 20 nm from an experimental as well as from a theoretical point of view. The exponential scaling of the
crystallization temperature with layer thickness is derived by using solid state crystallization theory. The critical height of
the nanocrystals embedded in such superlattice structures depends on the speci�c interface free energies of the respective
phases (oxide, amorphous Si, and crystalline Si) and exponentially on the layer thickness. In addition, strong enhancement
of room temperature luminescence from Er ions embedded in the vicinity of Si nanocrystals is shown. Spatially resolved
photoluminescence investigations and Rutherford backscattering measurements for Si and Er distributions along the same
line scan clearly manifest that inhomogeneities in implantation are not the cause of the correlated increase of Er and decrease
of nc-Si luminescence. However, this e�ect can be understood as a coupling of radiative processes, which includes an energy
transfer from Si nanocrystals to Er ions. c© 2001 Elsevier Science B.V. All rights reserved.
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1. Introduction

Nanoscaled structures are playing a major role in
optoelectronic and semiconductor research with many
applications already in commercial state. However,
scaling down in dimension may lead to tremendous
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changes of the physical properties of such structures.
New research �elds, such as electronic con�nement in
low dimensional structures or photon con�nement in
photonic crystals, may be developed with high impact
in the semiconductor device industry. Ultra-large scale
integration technology is applied today for both active
and passive components. For device application pre-
cise engineering of nanocrystal size is essential. Very
recently, even optical ampli�cation in Si nanocrys-
tals has been reported [1]. With regard to the visible
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luminescence of nanocrystalline Si (nc-Si) the control
of size, passivation and arrangement of Si nanocrys-
tals embedded in an oxide matrix is mandatory. The
structural con�nement of thin Si �lms in Si=SiO2 su-
perlattices (SL) represents a new way to control ar-
rangement as well as size of the nanocrystals [2,3].

The kinetics of the amorphous to polycrystalline
transition has to be reviewed in view of understand-
ing of the crystallization process in the limit of very
thin �lms. With only a few atomic Si layers structural
con�ned between a thin oxide the existing models for
kinetic mechanisms of crystal grain growth are not ap-
plicable anymore. In the presence of multiple stacks of
Si=SiO2 periods, the amorphous-to-crystalline phase
transition occurs through random nucleation of crys-
talline clusters surrounded by amorphous material un-
der the strain �eld of the superlattice structure and the
oxide boundary. Compared to a solid bulk phase crys-
tallization [4] the process involves several additional
phenomena such as the creation of crystalline seeds
themselves, the inHuence of the oxide interface, the
inHuence of strain, the inHuence of extended defects
at the grain surface, etc. Also, a prevented nucleation
of Si near the SiO2 interfaces concerning the �rst ad-
jacent 0.5–1:0 nm of the Si layer was reported [5].
An increase of the crystallization temperature was re-
ported for di�erent superlattices such as Si=SiO2 su-
perlattices [6–8], Ge=SiO2 [9], and Ge:H=GeNx [10].
In this work we will show the general character of
the increase in crystallization temperature for reduced
layer thickness and discuss the origin of this retarded
crystallization. In addition, we will demonstrate the
impact of the arrangement of Si nanocrystals on the
optical properties of Er doped structures.

2. Experiment

Amorphous Si=SiO2 multilayers on crystalline Si
substrates were prepared by RF sputtering and plasma
oxidation with Si thickness varied from 1.9 to 20 nm
and a constant thickness of the amorphous SiO2

(∼ 3 nm). Furnace annealing was used for crystalliza-
tion in the temperature range of 700 to 1050◦C. The
temperature was raised by 50◦C for each sample. The
crystallization state was investigated by wide angle
X-ray scattering, transmission electron microscopy
(TEM), and high resolution TEM (for more details

see Refs. [11,12]). In addition, Er and Si doping of
high quality dry oxide were performed with doses of
1 × 1017 and 5 × 1014 cm−2, respectively. Crystal-
lization and Er3+ activation were done by thermal
annealing at 1100◦C (1 h) under N2 atmosphere.
Rutherford backscattering (RBS) measurements were
performed using 2 MeV He+ ions at a backscattering
angle at 170◦. Photoluminescence (PL) measure-
ments were done at room temperature with a charged
coupled diode (CCD) matrix array and a Ge detec-
tors for detection and an Ar ion laser for excitation.
The spectra are corrected with respect to the spectral
response of the measurement system.

3. Results and discussion

3.1. Exponential increase of the crystallization
temperature

Fig. 1 summarizes the crystallization temperature
of an ensemble of superlattices based on di�erent ma-
terials and interfaces as a function of layer thickness.
An exponential increase in crystallization temperature
was found while decreasing the layer thickness in all
these di�erent systems which was �tted by

Tc =Tac + (Tmelt − Tac)e−d=C : (1)

Tmelt represents the melting temperature of bulk crys-
talline material, Tac is the crystallization temperature
of a thick bulk amorphous �lm, and d is the real thick-
ness of the layer [12]. The lines in Fig. 1 represent a
data �t using the above equation and parameters sum-
marized in Table 1.

In addition, we found that the inhomogeneous strain
of the Si=SiO2 �lms at the crystallization temperature
Tc depends exponentially on the Si layer thickness [6].
Hence, strain as well as crystallization temperature
show a similar dependence on the Si layer thickness.
In case of thick amorphous �lms the kinetics of the
amorphous to polycrystalline phase transition was de-
scribed previously by classical nucleation theory [4].
However, an amorphous SiO2 interface on both sides
of a thin Si layer (below 50 nm) will not result in a
homogeneous and uninHuenced nucleation within the
layers. Similar as in Refs. [8,9], we assume here that
the crystallization nucleus is cylindrical in shape and
symmetrically embedded in the amorphous material
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Fig. 1. Dependence of the crystallization temperature on the layer
thickness.

Table 1
Used �tting parameter for lines in Fig. 1

Superlattice material Tmelt (K) Tac (K) C (nm)

Si=SiO2 (curve 1) 1683 973 2.56
Ge=SiO2 (curve 2) 1211 773 2.52

Fig. 2. Finite separation of a nucleus from oxide boundary.

between the oxide interfaces. However, we introduce
an additional space l which corresponds to a �nite
separation of the nucleus from the oxide boundaries
as can be seen in Fig. 2.

In principle, for each combination of phases we
assume that a well de�ned, i.e. a sharp and perfect

interface bounded by bulk material can be formed,
which is characterized by its speci�c free interface en-
ergy. We de�ne 	ac; 	oc, and 	oa as the speci�c inter-
facial free energies per unit area between the di�er-
ent material phases. However, for the sandwich struc-
ture considered here, the interfaces between material
o and material c are not well de�ned if the distance l
between these materials is in the order of only a few
lattice constants. For l=0, that is h=d, the Persans
model should be re-derived. In the other limit, for l
very large (l → ∞), the materials o and c are sepa-
rated by two non-interacting, well de�ned interfaces.
In order to rationalize the interaction between these
two interfaces for small l, an e�ective interface en-
ergy is de�ned, which interpolates between the above
well de�ned limiting cases. For more details please
see Ref. [6]. Hence, we write

	e�oc = 	ac + (	oc − 	ac)M with M =e−l=l0 (2)

as an e�ective order parameter which is normalized to
unity for the true oxide=crystalline interface and zero
for the true amorphous=crystalline interface. In view
of the exponential dependence of the inhomogeneous
strain on layer thickness,M is expected to be an expo-
nentially decreasing function of the interface spacing
l. Assuming short range interatomic forces, l0 can be
interpreted as an average screening or bonding length
which is related to the range of interatomic forces typ-
ical for the materials o and c. The nucleation energy
barrier is then given by the di�erence of the Gibbs
free energies:

OG =Gc − Ga

=−r2hOGv + 2rh	ac + 2r2 O	e� ; (3)

with

OGv =Gva − Gvc¿ 0 and

O	e� = 	ac + (	oc − 	ac − 	oa)e−l=l0 :
The terms in Eq. (3) describe the change in bulk free
energy, the energy necessary for forming the new a=c
interface, and the inHuence of the boundaries formed
by the oxide material o, respectively. l is given by
l=(d − h)=2, with d¿ h. Eq. (3) represents a gen-
eralization of the nucleation model of Persans et al.
[8] which can easily be re-derived if l=0 (or h=d)
is chosen in Eq. (3). For 	oc − 	oa¿ 0 the crystal nu-
cleation is inhibited, but 	oc − 	oa¡ 0 will enhance
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the formation of crystal nuclei. However, �xing the
height h of the nucleus with the interface from the
very beginning as used in Refs. [8,9] leads to a wrong
behavior of the maximum value of OG as a function
of d. In our model h and d are geometrically inde-
pendent parameters which are coupled energetically
by the above equation. This allows us to consider the
Gibbs free energy change in Eq. (3) as a function of
both the variables r and h. Due to the fact that the spe-
ci�c interface energies are not well known we make
the following approximation: We ignore the fact that
O	e� depends on the size h of the nucleus and re-
place l by an average value Pl=(lmin + lmax)=2=d=4.
With this approximation and under the assumption that
the right circular cylinder of radius r and height h in
Fig. 2 corresponds to the equilibrium shape of the crit-
ical nucleus the radius-to-height ratio r=h= 	ac=2O	e�
can be derived by minimizing the Gibbs free inter-
face energy in Eq. (3) under the constraint of a con-
stant volume. Using this relation to eliminate one of
the two variables in Eq. (3), i.e. r, the nucleation bar-
rier is given by the maximum of OG: 9OG=9h=0,
yielding r∗ =2	ac=OGv and h∗ =4O	e� =OGv for the
critical radius and the critical cylinder height of the nu-
cleus. Inserting r∗ into Eq. (3) yields for the nucleation
barrier OG∗ =8	2ac O	e� =OG

2
v with O	e� given by

O	e� = 	ac + (	oc − 	ac − 	oa)e−d=4l0 . The nucleation
rate is essentially proportional to the Boltzmann fac-
tor, N ∼ N=t ∼ exp(−OG∗=kT ), which means that
the time t for the formation of a certain number N of
nuclei is given by t=N ∼ exp(OG∗=kT ). If we de�ne
the crystallization temperature Tc, as usual, by the re-
quirement that a certain �xed number Nc of nuclei is
generated at a given �xed time tc, the crystallization
temperature follows as

OG∗

kTc
= ln

(
tc
Nc

)
+ const: or kTc ∼ OG∗:

Assuming now the bulk crystallization temperature Tac
by kTac ∼ OG∗

ac, with OG∗
ac = 8	3ac=OG

2
v as the bulk

nucleation barrier derived for d→ ∞ we obtain

Tc
Tac

=
OG∗

OG∗
ac

or

Tc =Tac
O	e�
	ac

=Tac

(
1 +

	oc − 	ac − 	oa
	ac

e−d=4l0
)
:

(4)

This result already has the functional form of em-
pirical Eq. (1). Comparison with Eq. (1) yields
Tmelt =Tac(	oc−	oa)=	ac and C =4l0. The crystalliza-
tion temperature Tc experimentally observed tends
to the temperature of the melting point of bulk crys-
talline silicon Tmelt = 1683 K in the limit of zero Si
layer thickness, whereas in the thick layer limit we
get Tc(d→ ∞) ≈ Tac = 973 K as was mentioned be-
fore [6]. Similar results were obtained for germanium
(see Table 1). According to our theoretical results,
the enhancement of Tc in the limit d→ 0 is related to
the di�erence in the speci�c interface energies of the
interfaces between the involved crystalline and amor-
phous phases. However, taking into consideration that
the melting of the crystalline phase is likewise asso-
ciated with the nucleation of a crystalline-to-liquid
interface, the above results at last give us a hint why
the crystallization temperature Tc for d → 0 and the
melting point Tm of the crystalline phase are in such
a good empirical correlation. The screening length l0
should be related to the range of interatomic forces
or to the length of elastic interactions between the
respective interfaces. We found C ≈ 2:52–2:56 nm
independent of the material (Ge,Si). Hence, the
screening length is given by l0 ≈ 0:64 nm, which
would correspond to a range of 2–3 interatomic dis-
tances using the lattice parameter of Si and Ge.

The minimum lateral radius r∗ of the cylin-
drical nucleus, which is only determined by 	ac
and the change in the bulk Gibbs free energy per
unit volume OGv, is in the present approximation
the same as the radius of a free spherical crys-
talline nucleus in bulk amorphous silicon. With
OGv =Ogv=a3, where Ogv = 0:100 eV=atom is the
free energy change associated with the crystalliza-
tion of one atom [4], and 	ac = �ac=a2 with the
amorphous=crystalline interface energy per atom
�ac = 0:105 eV=atom [4] we derive from the above
equations r∗ =(2�ca=Ogv)a=0:567 nm (4–5 atoms
per diameter). That means, the base area of the
critical cylinder consists of only 17 atoms if we
use an average interatomic distance of a=0:27 nm
for the Si atoms. The minimum height h∗ of the
cylindrical nucleus depends, via the e�ective spe-
ci�c interface energy, exponentially on the layer
thickness. For thick layers bulk behavior is restored
yielding h∗ = h∗bulk = 4	ac=OGv = 2r∗ =1:134 nm for
d → ∞, which corresponds to a fairly symmetrical
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Fig. 3. Er and Si doping into thermal SO2.

nucleus with the same volume as a spherical nucleus
with radius r∗. For very small layer thicknesses the
condition l¿ 0, i.e., h∗6d must be ful�lled in our
model (see Fig. 2), which gives a lower bound dmin.
In order to determine dmin we rewrite h∗ in the form

h∗ =2r∗
(
1 +

(
	oc − 	oa
	ac

− 1
)

e−d=4l0
)
:

Further, using the numerical values available [8],
we expect no crystallization for layer thickness
d¡dmin ≈ 1:6 nm for the a-Si=SiO2 system whatever
the temperature. This is in good agreement with our
measurements on the Si=SiO2 system, where crystal-
lization has been observed down to d ≈ 1:9 nm. The
value of dmin = 1:6 nm is also larger than one would
expect from purely geometrical considerations, which
yields dmin = 1:1 nm. The higher value of dmin ≈
1:6 nm is clearly a consequence of a strong increase
in the nucleation barrier caused by the continuous in-
crease of the e�ective speci�c interface energy when
the a=c and the o=c interfaces approach each other.

3.2. Er doping of Si nanostructures

Er and Si doping were performed into high quality
oxide as shown in Fig. 3. Spatial separated areas con-
taining Er ions, or Er ions in the vicinity of nc-Si are
prepared on the same sample allowing a direct com-
parison of the properties using scanning techniques.
Our measurements (PL,RBS) are along the black line
of the �gure and represent a line scan over the re-
gion of interest. The results of our PL measurement
are directly compared with the doping pro�le by RBS
spectra in Fig. 4. As clearly can be seen in Fig. 5,
by mapping the color coded PL intensity along the
line scan, we have a weak room temperature lumi-
nescence at 1:54 �m in pure oxide which is enhanced
by nearly two orders of magnitude after crossing over

Fig. 4. Spatial resolved RBS spectra along the line scan.

to the region co-implanted with Si. At the same time
the red Si luminescence decreases in intensity. This
demonstrates without doubt the participation of the Si
nanocrystals in the excitation route of the Er3+ states.
In addition, Fig. 4 demonstrates the homogeneous dop-
ing pro�le of Er and Si ions by selected RBS spectra.
Hence, the changes in PL intensity, shown in more
detail in the selected spectra of Fig 6, are not caused
by Huctuations in dopant pro�le but due to the inter-
action and the competition between di�erent radiative
processes. The results also prove that the excitation
of the Er3+ state is mediated by the excitation of the
nanocrystals. The shape of the observed Er lumines-
cence shows a Stark splitting, which reHects the crystal
�eld and hence the chemical surrounding of the active
Er sites. This splitting suggests that the emitting Er
ions are in the SiO2 and not within nanocrystalline Si.

If an exciton recombines in a nanocrystal, the en-
ergy is emitted as a photon. However, a suQcient
number of excitons transfer their energy to the Er ions
either due to an Auger process, due to a dipole–dipole
coupling or mediated by an intrinsic luminescence
center located at the surface of the nanocrystals. That
would explain the complementary behavior of the PL
intensities of nc-Si and Er. In fact, the three di�erent
processes are in competition and for 1:54 �m based
devices a way must be found to make the excitation
of the Er3+ state the favorite route for energy transfer.

To exclude the intrinsic luminescence center at the
surface of the nanocrystals we suggest a hydrogen
treatment of the samples, which has not been done so
far. In this way hydrogen might saturate surface
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Fig. 5. Color coded PL intensity as a function of position on the sample monitoring �rst the pure oxide, than the oxide contaning Er and
�nally starting at the black line probing the region containg Er and nanocrystals. The left �gure is due to the red luminescence of Si
nanocrystals, the right �gure presents the 1:54 �m luminescence of Er3+.

Fig. 6. (a) Spatial resolved PL of the Si nanocrystals along the
line scan. (b) Spatial resolved Er3+ luminescence measured along
the line scan.

defects closing this path. The temperature dependence
of the rare earth luminescence was investigated and
found to be very weak with a quenching of a fac-
tor of two for temperature down to 4 K [13]. This
can be explained by means of low level non-radiative
de-excitation for the material and is in agreement with
values reported by other authors [14].

4. Conclusions

The novel concept of an e�ective interface energy
is applied to the Si=SiO2 system that interpolates be-
tween the true oxide=crystalline interface energy and
the true amorphous=crystalline interface energy by
means of an order parameter varying continuously
with interface spacing. The exponential increase of
the crystallization temperature with decreasing layer
thickness is derived using crystallization theory and
taking into account the di�erent interface energies
and materials. The model yielded a lower bound for
the layer thickness below which no crystallization
can occur for the Si=SiO2 system. The exponential
scaling of crystallization temperature and layer thick-
ness for (Si;Ge)=SiO2 superlattices is shown from
experiments and theory. This behavior is reduced
to basic material properties like the bulk amorphous
crystallization temperature and the melting point.

In addition, we have reported spatial resolved in-
vestigations of Er doped SiO2 �lms co-implanted with



M. Zacharias et al. / Physica E 11 (2001) 245–251 251

Si and combined with spatial resolved RBS investi-
gations along the same line scan. Our results clearly
prove that the dramatic change in PL intensity by
two orders of magnitude cannot be explained by in-
homogeneities of the implantation. We suggest that
the Er ions are excited very eQciently through energy
transfer involving excitons con�ned within the nano-
crystals.
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